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A method of ceramic-ceramic joining that exploits a multilayer interlayer designed to form a 
thin, potentially transient layer of liquid phase has been used to join alumina to alumina. 
Microdesigned multilayer Cu/Nb interlayers were used to achieve bonding at 1150 ~ Flexure 
strengths of as-bonded samples ranged from 119 to 255 MPa, with an average of 
,,~ 181 MPa. The ability to form 'strong' ceramic/metal interfaces is also indicated by instances 

of ceramic failure. Microstructural and chemical characteristics of fracture surfaces were 
evaluated using SEM, EDS and microprobe. The impact of post-bonding anneals of 10 h 
duration at 1000 ~ in gettered argon on room-temperature joint strength was assessed. High 
strengths (198 to 238 MPa) were obtained. The retention of strength following annealing in 
low oxygen partial pressure argon differs from the behaviour previously observed in Cu/Pt 
bonded alumina. Effects of the anneal on interfacial microstructure were determined, and an 
explanation for this difference in behaviour is proposed. 

1. I n t r o d u c t i o n  
Fundamental studies of microstructure-property 
processing interrelationships have contributed to the 
development of advanced structural metals, ceramics, 
intermetallics and composites of these materials with 
improved properties and performance. Joining smaller 
components of such materials to one another will be 
an essential aspect of fabricating new structures as 
well. The fabrication of large complex ceramic struc- 
tures will probably require the joining of smaller 
components. For other applications, it will be desir- 
able to combine components made of several different 
materials to form a complex structure with improved 
or novel properties and function. Structures may be 
designed in which materials are combined to produce 
an intentional 'functional' gradient in a material pro- 
perty. Often different regions of a larger structure see 
vastly differing service conditions, requiring materials 
with widely varying properties in different regions of 
the assembly. 

When joining dissimilar materials, the thermal ex- 
pansion mismatch between the materials, their chem- 
ical compatibility, and the temperature capabilities of 
the least refractory member impose processing and 
joint design constraints. Fundamental studies of, and 
innovative approaches to joining these materials to 
themselves and to one another are required to provide 
the scientific basis for ameliorating such difficulties 
and processing new structures. 

In Parts I and II of this study, the results of using 
multilayer Cu/Pt/Cu [1] and Cu/Ni/Cu [2] inter- 
layers for partial transient liquid phase (PTLP)joining 
of alumina to itself were described. The results demon- 

strated that strong refractory joints with reduced 
thermal expansion mismatch can be produced at sub- 
stantially lower temperatures than those required for 
conventional joining approaches. A more detailed 
study of the effects of interlayer composition, pro- 
cessing conditions, and post-bonding heat treatments 
is in progress. The present paper reports the results of 
an investigation of joining alumina via similarly 
microdesigned multilayer Cu/Nb/Cu interlayers. 

2. Background 
Solid-state diffusion bonding and liquid-based react- 
ive metal brazing are thought to be the joining ap- 
proaches most likely to succeed in producing strong 
joints for demanding high-stress, high-temperature 
applications [3-5]. Diffusion bonding allows the 
fabrication of ceramic/metal/ceramic assemblies using 
refractory metal interlayers that are unsuitable for 
brazing. Thus research has demonstrated that strong 
Pt/A1203 [6, 7] and Nb/A1203 [8-12] interfaces can 
be produced by diffusion bonding, while efforts to 
braze A1203 with pure Pt have been unsuccessful 
[6, 7] and brazing A1203 with pure Nb is not possible. 
However, diffusion bonding is not without drawbacks. 
Although joining temperatures can be as low as 0.5 T m 

(where T m is the absolute melting temperature of the 
metal) [12], more typically, bonding temperatures of 
the order of 0.8-0.9 T m are required to produce 
optimum bond quality [see e.g. 6-15]. Thus when 
refractory metals are used, processing temperatures 
can be high. Achieving complete ceramic-metal con- 
tact during bonding can be facilitated by the pre- 
paration of smooth and flat bonding surfaces [13, 14], 
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but this requires additional surface-preparation steps. 
Finally, a load must be applied during bonding; within 
limits, bond quality can be improved by increasing the 
applied load. However, the need to apply a potentially 
substantial load during bonding limits the joint geo- 
metry and may induce distortions in the pieces to be 
joined. 

Liquid-state processing offers greater flexibility in 
joint configuration, imposes less stringent surface pre- 
paration requirements, relieves the need to apply an 
appreciable load, and lends itself more readily to mass 
production. However, the success of the method relies 
on proper wetting of the ceramic by the molten inter- 
layer [3]. Reactive metals such as Ti and Zr can be 
added to the interlayer to reduce the contact angle 
[16]; however these metals can also increase the yield 
stress and thus reduce the ability of the interlayer to 
accommodate plastically the thermal expansion mis- 
match stresses that arise during cooling and thermal 
cycling. Moreover, reaction layers usually develop 
which, if excessively thick, can lead to strength degra- 
dation of joined assemblies, necessitating com- 
promises between wetting, spreading and ultimate 
mechanical properties. 

The problems of developing strong joints by diffu- 
sion bonding and brazing are compounded when the 
intended assembly-use temperature is increased, Use 
of more refractory metals or brazing alloys increases 
the processing temperature requirements. Interfacial 
reactions that are thermodynamically prohibited or 
kinetically inhibited at lower temperatures, become 
more probable as the joining temperature is increased 
[17]. The use of progressively higher-melting-point 
metals may decrease the mismatch in thermal ex- 
pansion (As) with the ceramic; however the potential 
temperature range over which misfit is accumulated 
(A T) may increase as a result of an increase in pro- 
cessing temperature. Finally, the need to process at 
temperatures that exceed the ultimate use temperature 
may lead to degradation of the properties of the 
components to be joined. For example, nickel-base 
superalloys that are candidate materials for certain 
components of a 'ceramic' engine will undergo pro- 
perty degradation if exposed to temperatures above 
1200 ~ for prolonged periods. 

Efforts to develop low-temperature joining methods 
for high-temperature applications have been relatively 
limited. Iino and Taguchi [18] have proposed an 
interdiffusing multilayer metal interlayer (IMMI) 
method as an alternative to conventional solid-state 
diffusion bonding. The process substantially reduces 
the temperature requirements for forming a strong 
bond, while retaining the other advantages of diffusion 
bonding. Studies demonstrated that through the use of 
multilayer Ni/Nb/Ni and Nb/Ni/Nb interlayers, 
strong silicon nitride assemblies could be produced at 
significantly lower temperatures than when Nb or Ni 
foils were used alone. 

Transient liquid phase (TLP TM) bonding has the 
potential to combine some of the best features of 
diffusion bonding and brazing. The viability of using 
TLP bonding for joining nickel-base superalloy com- 
ponents has been demonstrated and the method has 

been exploited commercially. Refractory bonds with a 
strength equivalent to that of the base materials that 
were joined have been achieved [19]. 

However, the application of TLP bonding to ceram- 
ics is limited. Following the pioneering work of 
Loehman, who used oxynitride glasses for TLP bond- 
ing of silicon nitride ceramics [20], subsequent studies 
examined the role of processing conditions, glass and 
silicon nitride chemistry, and environmental exposure 
on the properties and interfacial microstructures of 
oxynitride glass-bonded silicon nitride [21-24]. Baik 
& Raj [24] explored the effects of glass chemistry and 
silicon additions on thermal expansion mismatch and 
tendencies for frothing of the glass at elevated temper- 
atures. Iseki et al. [25, 26] report successful joining of 
reaction-bonded SiC using Ge interlayers. In this case, 
the excess Si ( ~  12 wt %) in the SiC acts as a more 
refractory sink for Ge, evolving into a Si-rich Si-Ge 
solid solution. 

In conventional TLP bonding the entire interlayer 
is molten, and a favourable interaction between the 
molten interlayer and the adjoining ceramic (or bulk 
metal) is required to transform the interlayer into a 
more refractory material at the bonding temperature. 
The earliest effort to develop a multilayer metal inter- 
layer for joining in which only a portion of the inter- 
layer becomes molten may be that by Bernstein & 
Bartholomew [27]. Their work employed a metal 
preform with a laminated structure, a low-melting- 
point material (In, Sn) clad on a higher-melting-point 
core (Au, Ag, Cu, Ni), to produce bonds that 'were 
capable of withstanding temperatures higher than 
those at which the bond was made, typically 300 ~ 
They focussed on demonstrating the applicability of 
this method, which they referred to as solid-liquid 
interdiffusion (SLID) bonding, to integrated-circuit 
fabrication. Brief reference is made to the formation of 
an Ag-In bond to a nickel-plated Mo-Ti metal]ized 
alumina. More recent efforts by Iino [28] and by 
Glaeser and co-workers [1, 2, 29-30] have also focus- 
sed on the development of multilayer metal interlayers 
for ceramic-ceramic joining in which only a portion of 
the interlayer becomes molten. Iino has used the term 
partial transient liquid phase (PTLP) brazing to de- 
scribe this variation on TLP bonding. 

PTLP brazing retains the advantages of TLP 
bonding, and provides new flexibility in defining the 
properties of the interlayer and reducing the required 
bonding temperature. Through suitable use of equilib- 
rium phase diagrams, multilayer metal interlayers 
with 'self-contained' low-melting-point transient li- 
quid phases can be designed. This approach permits 
brazing which utilizes refractory-metal-based inter- 
layers. The use of refractory metals will often reduce 
the interlayer-ceramic thermal expansion mismatch, 
and the use of a lower-melting-point cladding to 
some extent decouples the choice of the interlayer exp- 
ansion coefficient from the.processing temperatures 
required to achieve the joint. In principle, inter- 
layers can be tailored to meet the needs of a broad 
range of material combinations spanning high-tem- 
perature structural and lower temperature electronic 
device applications. 
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A more detailed discussion of PTLP bonding has 
been provided in [1], and thus the concept will be 
explained only briefly here. In contrast to bonding 
methods in which a chemically homogeneous inter- 
layer is used, both the IMMI and PTLP bonding 
methods rely on an inhomogeneous interlayer. Speci- 
fically, a thin film of a low-melting-point metal or 
alloy is deposited onto a much thicker foil of a more 
refractory metal or alloy, or directly onto the ceramic. 
Bonding is conducted at a temperature that lies above 
the minimum liquidus temperature in the system. In 
previous joining work using Cu/Pt /Cu interlayers, a 
processing temperature of 1150 ~ was used to bond 
alumina. Cu and Pt exhibit complete mutual solubility 
at elevated temperature, and thus at temperatures 
above the melting point of Cu one expects disap- 
pearance of the Cu-rich liquid due to diffusion of Cu 
into Pt. Pt was selected because of its excellent thermal 
expansion match with alumina, and excellent oxida- 
tion resistance. Cu and Ni also exhibit complete mu- 
tual solubility in the solid state at high temperatures, 
and Cu/Ni/Cu interlayers have also been used to join 
alumina successfully [2]. 

In the present work, Cu was retained as the basis for 
the transient liquid phase because of (i) its relatively 
lower melting point (1085 ~ (ii) its ease of depos- 
ition, (iii) considerable prior research on Cu-AI203 
diffusion bonding [31-35] and brazing [36-40], (iv) 
prior fracture studies of Cu/AI20 3 interfaces [15, 32, 
33, 35-40], and (v) the success of prior PTLP bonding 
research with Cu [1, 2]. 

Nb was selected as the refractory metal host. Nb has 
a high melting point ( ~ 2470 ~ and closely matches 
the thermal expansion of alumina. Thus Nb is an 
interlayer of choice when thermal expansion mis- 
match must be small. Numerous studies of Nb/AI20 3 
diffusion bonding and Nb/A120 3 interfaces are avail- 
able in the literature [e.g. 8-12, 41-53], and the 
fracture of bonded assemblies has been studied exten- 
sively [8-12, 41]. Measurements of strength against 
temperature have been conducted, and it has been 
suggested that Nb-bonded A120 3 assemblies could be 
useful to temperatures as high as 1500~ in non- 
oxidizing atmospheres [8]. 

Prior work on PTLP bonding with Nb used a Sn- 
rich alloy as the basis for the partial transient liquid 
phase (M. Locatelli & A. M. Glaeser, unpublished 
data). The Nb-Sn phase diagram has three inter- 
metallic phases, NbSn3, Nb6Sn 5, and Nb3Sn [54]. 
The combination Cu-Nb appeared to be a more 
attractive alternative because there are no brittle inter- 
mediate phases in the system, and at temperatures 
above the melting point of Cu, the composition of the 
equilibrium liquid contains a few atomic percent of 
Nb [55]. It was anticipated that Nb might play the 
role of a reactive metal, and have a beneficial effect on 
the wetting behaviour of the transient liquid. 

Some uncertainty existed regarding phase equilib- 
rium in the Cu-Nb system. Phase equilibrium studies 
conducted during the 1950s and reported in the com- 
pilation of Elliot [55] indicated a maximum solubility 
of Cu in Nb of 15 at % at the monotectic temperature 
of 1550~ a solubility of 9 a t %  Cu in Nb at a 
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peritectic temperature of l l00~ and solubility of 
4 at % Cu in Nb at lower temperature. A system 

with these characteristics would be an excellent 
candidate for PTLP bonding. More recent phase dia- 
gram studies suggest that the Cu-Nb system is typical 
of SYStems in which compositional impurities have a 
strong modifying effect on the equilibrium phases 
both in the liquid and solid state. When low oxygen 
content niobium was employed in phase equilibrium 
studies, the phase relationships of a eutectic phase 
diagram were observed, and a much lower maximum 
solubility of Cu in Nb ( ~  1,2 at % at 1080 ~ was 
indicated [54]. If the more recent results proved ger- 
mane to our study, the relatively lower solubility of Cu 
in Nb, coupled with the expected low diffusion rate of 
Cu in Nb would make this system less attractive for 
PTLP bonding than Cu-Pt .  Nonetheless, although 
our results showed extremely limited incorporation of 
Cu in Nb, robust joints were produced. 

3. Experimental procedures 
3.1. Materials 
A 99.5% pure, > 98% dense alumina (Coors, Golden, 
Colorado, USA) with a bimodal grain size distribution 
(with the larger mode at ~ 25 gm) was machined into 
19.5 x 19.5 x 22.5 mm 3 blocks. Blocks were machine- 
polished to a 1-gm (grit size) finish, and subsequently 
cleaned in isopropyl alcohol, and blown dry. Cleaned 
blocks were placed in an alumina crucible (99.5% 
purity), covered, and then annealed in air at 1000 ~ 
for 14 h with the bonding surface exposed to the 
crucible atmosphere to remove organic contaminants 
from the surface; this also leads to discernible thermal 
etching of the grain boundaries. 

Foil interlayers 20 x 23 mm were cut from a larger 
127-gm-thick 99.99% pure Nb sheet, cleaned ultra- 
sonically in 2-propanol, then rinsed in ethanol follow- 
ed by a rinse in nanopure water (resistivity 18.3 
Mf~ cm). Excess water was wicked from the foil edges 
while the foil was blown dry with the hot air gun. The 
cleaned and dried foil was stored in a wafer dish (used 
in microelectronics processing) until needed. 

Experiments examining the wetting behaviour of 
pure Cu and Cu-rich Cu-Nb alloys on alumina used a 
high purity (99.9999% pure), oxygen-free high con- 
ductivity copper source as the base material. The 
copper was cleaned in a 10% nitric acid solution, 
given multiple rinses in distilled water, and then dried. 
Small pieces of high-purity Nb of known total weight 
were pressed into the copper rods to produce an 
overall composition of Cu-2 wt % Nb. This corres- 
ponds roughly to the liquidus composition at 1150 ~ 
indicated in recent phase diagrams. 

3.2. Sessile drop experiments 
Wetting experiments were conducted at 1150 ~ in a 
Ta element furnace. Rods of pure Cu and of the 
Cu Nb mixture were placed onto adjacent, identical, 
polished and cleaned alumina substrates. For the 
Cu-Nb  rods, the Nb-embedded end was placed in 
contact with the alumina. The two samples were 



heated simultaneously at a rate of 10~ rain -1 to 
1150~ while a vacuum of 5 to 7x  10 .6  torr was 
maintained. Alloying occurred in situ. The total time 
at temperature was 2 h. During the anneal, the contact 
angles on both sides of each sessile drop were meas- 
ured periodically using a telegoniometer with a pre- 
cision of _+ 2 ~ 

3.3. Copper coating 
Thin layers of copper were deposited onto both alum- 
ina blocks by evaporating a commercial copper wire 
(Consolidated Companies Wire and Associated, 
Chicago, Illinois, USA). Cleaned copper wire seg- 
ments were premelted in tungsten wire baskets under 
a vacuum of 2 - 9 x 1 0  -6 torr. The polished and 
cleaned alumina blocks were placed into the evapor- 
ator, and copper coated. The chamber pressure was 
reduced to ~ 3 x 10 .6 torr, and fluctuated between 7 
and 10 x 10 .6 torr during deposition. 

A copper layer ~ 3 gm thick was deposited onto 
each substrate. The copper thickness was measured 
using two methods. One method is based on a deter- 
mination of the weight gain per unit area of an 
adjacent glass cover slip. The other relies on using a 
profilometer to measure the step height produced 
where a portion of glass slide was masked with a cover 
slip. Both measurements indicate an average Cu thick- 
ness of ~ 3 gm, with some variation in thickness 
indicated by profilometry. This average thickness im- 
plies an average interlayer composition of >93 at % 
Nb. 

3.4. PTLP b o n d i n g  
Bonding was performed in a vacuum hot press. The 
block/foil/block stack was assembled immediately af- 
ter the completion of coating and loaded into a graph- 
ite hot-pressing die. After an adequate vacuum was 
achieved, the temperature was ramped to 1150~ at 
4~ min -1, maintained at 1150~ for 6h,  and then 
ramped down to room temperature at 2 ~ min-1. 
During this cycle, the vacuum in the press was in the 
range of 0.8-2 x 10 .5 torr. A pressure of ~ 5.1 MPa 
was maintained on the assembly during the entire 
cycle. This represents the minimum positive load that 
can be applied to the sample using the hot press 
available. It is likely that a significantly lower load 
would suffice. 

3.5. Beam preparation 
Five plates were cut from the bonded block assembly 
using a diamond wafering saw. The plates were num- 
bered so that any systematic trends in strength, or in 
the appearance of fracture surfaces, could be related to 
the original position in the block assembly. Sub- 
sequently, one surface of each plate was polished prior 
to sectioning the plates into beams for flexure testing. 
All plates (1 to 5) were hand polished on plate glass 
with 30-gin diamond, and then polished for 100 h with 
15-gin diamond in an oil slurry on a vibratory poli- 
sher. To determine whether an improved surface finish 

would improve strength, one plate (4) was given an 
additional 2-h polish with 6-gin diamond, and two 
plates (2 and 3) were polished for 23 h with 6-~m 
diamond. 

Beams of approximately square cross section ( ~ 3.4 
x 3.4 ram) were cut from the polished plates with the 

metal interlayer at the beam centre. The tensile edges 
of flexure beams were bevelled to remove machining 
flaws that could initiate failure. Beams cut from the 
same plate are referred to as a set of beams. 

3.6. P o s t - b o n d i n g  hea t  t r e a t m e n t s  
Beams from plate 5 were annealed for 10 h at 1000 ~ 
in > 99.998% purity argon (oxygen-gettered with a 
mixture of titanium and zirconium chips) to determine 
whether further chemical homogenization of the inter- 
layer and environmental exposure affected the flexure 
strength. In Cu/P t /Cu  samples [1], an identical heat 
treatment caused a severe loss of strength, and micro- 
structural evidence suggests that interracial dewetting 
of the metal layer occurred. 

3.7. Flexure t e s t ing  
Beams were tested at room temperature using four- 
point bending. The inner span was 8 ram. Testing was 
done with a displacement rate of 0.05 mmmiLn -1. 
Strengths were calculated from the load at failure 
using standard relationships derived for monolithic 
elastic materials, i.e. no correction for stress concen- 
trations arising from modulus misfit [56, 57] was 
attempted. Prior work had determined that under 
identical testing conditions, the four-point ]bend 
strengths of (unbonded) alumina beams prepared 
from the same source material are ~ 2 80MPa  
(B. J. Dalgleish, unpublished data). 

3.8. Microstructural and microchemical 
characterization 

After mechanical testing, beam fracture surfaces were 
mounted adjacent to one another so that equivalent 
fractographic locations were in mirror symmetry posi- 
tions. The general microstructure at matching loc- 
ations, the pore structure, and the fracture path could 
thus be readily identified. Fracture surfaces were first 
inspected using optical microscopy, and then exam- 
ined using scanning electron microscopy (SEM). Al- 
though some pullout of the ceramic occurred during 
failure, fracture proceeded primarily along one cer- 
amic-metal interface. The surface containing the metal 
interlayer is termed the metal" side of the fracture 
surface, the opposing one the ceramic side. The metal 
side of selected fractured beams was etched in a 1 part- 
by-volume (1.40 specific gravity) nitric acid, 3 parts by 
volume 40% hydrofluoric acid mixture for ~ 8 s and 
then rinsed in distilled water. This revealed Nb grain 
boundaries. 

Residual plates trimmed from the edges of the 
bonded blocks were polished and examined using 
energy dispersive spectroscopy (EDS) to evaluate the 
extent of diffusion of copper into niobium during the 
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complete bonding cycle. Line scans were conducted 
perpendicular to the interface. The electron beam 
diameter is typically of the order of 1 ~tm, and a typical 
detection limit is ~ 1 at %, and thus we anticipated 
this method might provide information on the extent 
of homogenization achieved during the bonding cycle. 
Although no data were found for diffusion of Cu in 
Nb, qualitatively one would expect a reduced pene- 
tration relative to that observed for Cu in Pt. In the 
event that the equilibrium solubility of Cu in Nb is as 
low as indicated in recent phase diagrams, it was also 
anticipated that removal of copper from the interface 
region might be incomplete for the processing condi- 
tions used. 

4. Results 
4.1. Fracture strength 
Beams from plates 1-4 were tested to determine the 
as-processed failure strength, and its dependence on 
tensile surface preparation. Nominally, the quality of 
the surface finish increased in the order 1 ~ 4 ---, (2, 3). 
Thus, if polishing induced flaws were determining the 
strength, one might anticipate that strengths would 
increase in the same order. However, prior work has 
indicated that the flaws causing failure in the alumina 
employed are of the order 10-15 gm in size, and thus, 
polishing beyond the 15 gm level would have limited 
benefit. 

The strength data for as-processed bend specimens 
are in Table 1. The samples prepared from plate 1 had 
consistently high strengths; the mean was 249 MPa 
with a standard deviation of _ 5 MPa. With increas- 
ing polishing, the mean strength for any set of sim- 
ilarly processed samples decreased to yalues between 
150 165 MPa, and the standard deviation increased 
relative to that for plate 1 samples. Thus, the addi- 
tional polishing, cleaning, and handling appears to 
impact strength deleteriously. 

A mapping of the spatial distribution of bend 
strengths within the block is shown in Fig. 1. The 
strength distributions for as-processed and argon- 
annealed Cu/Nb/Cu bonds are also shown in the 
strength-probability plots of Fig. 2, which includes 
the strength distribution of similar size beams of 
unbonded alumina and an upper limit on the strength 
of argon-annealed Cu/Pt /Cu bonds. In the present 
work, the argon-annealed samples, which were also 
given the minimal surface preparation, have strengths 
nearly as high as those of samples cut from plate 1. 
This supports the interpretation that excessive poli- 
shing and the associated ultrasonic cleaning, or some 
combination of the two can degrade joint strength. 
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Figure 1 Spatial distribution of bond strengths. 
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Figure 2 Failure probability against failure strength for Cu/Nb/Cu 
bonded assemblies and data for argon-annealed Cu/Pt/Cu inter- 
layers [1] for comparison. Reference data for unbonded beams 
prepared from the same alumina are included. 0 ,  As-processed; 
[Z, At-annealed; I~, unbonded A1203. 

Coincidentally, plates 1 and 5 are edge plates, and the 
highest strength samples within plates 2, 3, and 4 all 
come from one edge. (This can be seen easily in Fig. 1). 
Crowning of samples during polishing is widely ob- 
served. As a result, ceramic metal contact is not 

TABLE I Flexure strengths (MPa) 

Surface preparation Plate Beam 1 Beam 2 Beam 3 Beam 4 Mean Standard 
deviation 

100 h vibratory polish with 15-pm diamond 1 246 251 255 244 249 5 
As plate 1 + 23 h vibratory polish with 6-gm diamond2 192 174 160 135 165 24 
As plate 2 3 192 156 168 127 161 27 
As plate 1 + 2 h vibratory polish with 6-/am diamond 4 176 159 119 146 150 24 
As plate 1 + 10 h anneal at 1000 ~ in Ar 5 206 238 198 218 215 17 

The bold numbers indicate the high strength beams which tend to lie along three of the sample edges. 
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uniform, and in solid-state bonding, pore removal is 
often most difficult near the edges. In the present case, 
when the thin layer of liquid is formed, liquid re- 
distribution may occur, expedited by the imposed 
bonding pressure. Chemical analysis and fracto- 
graphic studies were used in an effort to assess 
whether variations in liquid thickness occurred, and 
could be correlated with strength differences. 

4.2. Fractography and chemical analysis 
The microstructure and microchemistry of fracture 
surfaces of selected as-processed beams (including that 
exhibiting the lowest ( l l9MPa),  an intermediate 
(192 MPa) and the highest (255 MPa)failure strength), 
and one beam subjected to post-bonding annealing 
were examined using optical microscopy, SEM and 
EDS. 

Fracture in all samples examined was predomin- 
antly interfacial, and thus the microstructures on the 
metal and ceramic sides of the fracture path could be 
compared. Several features distinguish the low 
strength and high strength samples. In both samples, 
the crack occasionally enters the ceramic and is then 
drawn back to the interface. As shown in Fig. 3, there 
is an increased degree of ceramic pullout in the higher 
strength samples. Fig. 3a and b show the metal side 
of the fracture surface of a high- and low-strength 
sample, respectively. The lower edge in each micro- 
graph corresponds to the tensile edge of the bend 
beams. Although the failure origin in the stronger 
sample was not identified, the tensile edge shows that 
fracture occurred largely through the ceramic. Fig. 4 
illustrates that in the regions of ceramic failure, both 
intergranular and transgranular fracture occur. The 
fracture strength of the higher strength samples ap- 
proaches that of the ceramic. The differences in the 
crack path suggest that there is a spatial variation in 
the strength of the ceramic-metal interracial bonding, 
with higher interracial strengths promoting more ex- 
tensive temporary excursions of the crack into the 
ceramic component, and possibly crack initiation in 
the ceramic. 

Optical microscopy of fracture surfaces suggests 
that some redistribution of copper occurred; in some 
beams, primarily those from the block edge, discrete 
regions accounting for < 10% of the fracture surface 
were colJper-coloured. There was a greater tendency 
for ceramic failure in those regions where (unreacted) 
copper was more common, and copper was generally 
evident around the pullout region perimeter. In areas 
where the adhered alumina layer was sufficiently thin, 
it was possible to focus through the alumina and 
observe a copper-coloured film between the alumina 
and niobium. The greater extent of ceramic pullout in 
higher strength samples, and the tendency for higher 
strength samples to come from beams taken from 
block assembly edges may signal the combined benefi- 
cial effects of crowning of the blocks, and 'extrusion' of 
the liquid to the block edges due to the applied 
bonding pressure and capillary forces. Small solidified 
copper-coloured 'droplets' were found along the foil 
perimeter of the as~-bonded block assembly, also in- 
dicative of some long-range redistribution of copper. 
HoweVer, even if it is assumed that all regions of 
pullout are caused by a thin intervening Cu layer, the 
area fraction of the interface with residual Cu is small, 
< 30%, even in edge beams. In addition, Cu was not 

always apparent along the tensile edges of beams 
exhibiting high strength. (Samples were examined at 
magnifications of x 6 to x 40 using a stereographic 
microscope.) Thus the presence of residual copper 
does not appear to be a necessary condition for the 
formation of strong bonds. 

Higher magnification SEM micrographs of the (in- 
terracial) fracture regions show that a second phase 
decorates the interface, but to differing extents in high- 
and low-strength samples. Fig. 4 illustrates the metal 
(a, c) and ceramic (b, d) sides of the fracture surface of 
the 255 MPa (a, b) and 119 MPa (c, d) samples. The 
precipitates appear in two forms. 'Continuous' rib- 
bons of precipitate outline a grain-like structure with 
an average apparent grain size of ,,~ 60 gm. The scale 
of the grain structure does not match that of the 
ceramic. By repeatedly etching the metal side (and 
thereby also removing the second phase), it was deter- 

Figure 3 Metal side of fracture surface of as-bonded samples with (a) high strength (255 MPa) and (b) low strength (119 MPa), showing an 
increased degree of ceramic pullout in the higher-strength sample. The bottom edge is the tensile edge in both cases. 
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Figure 4 Exactly corresponding metal (a, c) and ceramic (b, d) fracture surfaces of as-bonded 255-MPa fracture stress (a, b) and 119-MPa (c, d) 
samples. Precipitates are present in two morphologies and evident in matching positions, indicating that failure occurs through the interracial 
precipitate phase. The larger grains on the metal side are pulled-out alumina. 

mined that the continuous network was located along 
the Nb grain boundaries. The precipitates are also 
present as a dispersed phase within the Nb grains 
along the interface. There is no obvious correlation 
between the position of these precipitates and any 
microstructural feature in the metal or ceramic. It is 
possible that the intragranular locations were dictated 
by an earlier finer-scale microstructure in the Nb 
foil; measurements indicate a grain size of ~ 15 gm 
in the Nb foil prior to bonding, compared with a 
post-bonding grain size of ~ 60 gm (Fig. 5a and b, 
respectively). 

The presence of the precipitate phase at matching 
locations on both sides of the fracture surface suggests 
that the precipitate phase bonds well with both the 
alumina and the niobium, causing fracture to proceed 
through the phase. The precipitate phase is always 
more clearly defined and well developed in the sam- 
ples that exhibit a higher fracture strength and a 
greater degree of ceramic failure, i.e. those nearer the 
block edges. The precipitates, however, cover a rela- 
tively small area fraction of the interface, and it is 
unlikely that they are the sole source of joint strength. 
Further reference to the micrographs of Fig. 4 reveals 
the replication of the alumina grain and pore structure 
onto the Nb foil, indicating that good ceramic/metal 
contact was achieved. Interfacial pores (unbonded 
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regions) larger than those inherent to the alumina 
were not observed. 

The chemistry of the interlayer, the fracture sur- 
faces, and the second-phase particles were quantified 
using SEM and associated EDS analysis. Examin- 
ation of specimens with intact bonds was limited to 
thin plates'cut from the assembly edges where crow- 
ning and liquid redistribution effects would be ex- 
aggerated. Optical microscopy of such edge 'trim' 
plates revealed a thin copper-coloured film between 
the niobium and alumina along much of the A1203/ 
interlayer interface. X-ray maps of the interlayer and 
A1/O3/interlayer interfacial region confirmed that 
the copper-coloured region was indeed copper-rich. 
SEM/EDS examination parallel to the alumina/inter- 
layer interface of edge specimens revealed a non- 
uniform copper distribution. In regions where copper 
is detected, it is highly localized within a region only a 
few micrometres thick, comparable to or slightly grea- 
ter than the average initial copper film thickness. In 
the edge plate examined, ~ 75% of the bond l ine  
showed the presence of a distinct copper layer. How- 
ever, in the remaining 25% of the bond line, copper, if 
present, is in such a thin layer that it is not detectable 
by EDS. These results are consistent with the pre- 
viously discussed observations on fracture surfaces 
indicating the presence of localized residual copper, 



signal from the A1203. Analyses of the precipitate on 
the metal side show more consistent peak-height ra- 
tios, however the variation in chemistry was still large. 
For the majority of the precipitates, Si is also detected 
in small quantities (typically 1-4%), suggesting that 
the glassy phase in the alumina may also participate 
in interracial reactions and the development of 
adhesion. 

Analyses ofAl203 surfaces in regions away from the 
precipitates (and patches of residual copper) show no 
Cu or Nb residue, only A1 and O, and the matching 
sites on the Nb foil surface show no detectable Cu. 
This implies that in these regions, copper is removed 
from the interface by fluid flow owing to external and 
capillary pressures, and by reaction to form the pre- 
cipitates. These results, coupled with the observed 
replication of the A1203 microstructure on the Nb foil, 
suggest that good direct bonding between the Nb foil 
and A1203 is achieved, and provide further evidence 
for both long-range and short-range redistribution of 
copper. 

Figure 5 Microstructure of the Nb foil used (a) prior to bonding 
and (b) after bonding. In (b) the precipitate phase was removed by 
etching, causing the pits. It is evident that some of the precipitates 
formed along Nb grain boundaries. 

and other indications of copper redistribution during 
bonding. 

EDS line scans taken perpendicular to the interface 
indicate a transition layer from essentially pure Nb to 
alumina that is only a few micrometres thick, i.e. 
essentially the spatial resolution of the instrument. 
Liquid redistribution may have resulted in a local 
enhancement of the copper layer thickness at the edge; 
however even if some copper diffused into niobium, 
the results confirm that this diffusion occurs to only a 
limited extent at the processing temperatures used. 

Precipitates in several different locations and of 
both morphologies were analysed on both the metal 
and ceramic sides of corresponding fracture surfaces. 
In both high-strength and low-strength samples, EDS 
results indicate that regardless of location and mor- 
phology, the precipitates contain Cu, A1, and O con- 
sistent with it being a copper aluminate. (Phase equi- 
libria studies e.g. [58] in the Cu-AI-O system indicate 
that there are two copper aluminates, CuAIO 2 and 
CuAI20,,. Only the former co-exists in equilibrium 
with AlzO 3 and Cu.) Both the Cu layer and the 
alumina substrate are reaction participants. The rela- 
tive intensity of the Cu and A1 peaks varies with 
location within the precipitate on the ceramic side. 
This is most probably a result of beam spreading and 
penetration, and thus varying contributions to the A1 

4.3. C o n t a c t  ang le  m e a s u r e m e n t s  
To determine whether Nb has a beneficial impact on 
wetting, sessile drop experiments were conducted in 
vacuum at 1150 ~ and the contact angles formed by 
a pure Cu and a Nb-saturated Cu liquid droplet 
on alumina were measured. The phase diagram indi- 
cates that at the bonding temperature, a Nb-rich 
( ~ 99 at % Nb) solid is in equilibrium with a Cu-rich 
( ~ 98 99 at % Cu) liquid. The thermodynamic activ- 
ity of Nb in the equilibrium liquid will thus be close to 
unity. Assuming that the added Nb dissolves and is 
uniformly distributed in the liquid at 1150~ this 
droplet approximates the liquid layer present during 
bonding. The Nb activity in the Nb-saturated Cu-rich 
solid solution at the post-bonding anneal temperature 
of 1000 ~ will also be high. Therefore, if Nb acts as a 
reactive metal, one would expect a substantial effect. 

The results are summarized in Fig. 6. Differences in 
the contact angles were evident almost immediately 
after melting. When 1150 ~ was reached, the contact 
angle was ~ 130 ~ for pure copper, and ,~ 114 ~ for Nb- 
saturated Cu. After 30rain at temperature, a slow 
decrease in the contact angle begins in the case of the 
Nb-saturated Cu. After 120 min the contact angle has 
decreased to 103 ~ , and was still decreasing when 
observations were halted due to copper condensation 
on the viewing port. The cause of this progressive 
decrease in the contact angle is not known. In reactive 
metal braze systems Such as Cu-Ag-Ti ,  a reaction 
product is formed, and enhances wetting [59-1. In the 
present case, it is uncertain whether a constituent in 
the alumina (e.g. a glassy phase) is interacting with the 
Nb and being drawn to the surface, or whether some 
other time dependent change in the liquid-vapour or 
liquid-solid interracial energy is responsible. Recent 
work with polycrystals of varying purity and sapphire 
(K. Nakashima, A. P. Tomsia and A. M. Glaeser, 
unpublished data) has shown similar decreases in 
contact angle regardless of the purity of the alumina 
used. We speculate that in the sessile drop experiments 
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Figure 6 Time dependence of the contact angle (defined from within 
the drop) of II, pure Cu and �9 Cu-2 wt % Nb on an alumina 
substrate at a temperature of 1150 ~ With Nb the contact angle is 
lower than for pure copper, and decreases with time. 

preferential evaporation of copper supersaturates the 
liquid with respect to Nb and may be inducing depos- 
ition of Nb at the AlzO3/interlayer interface. During 
joining, consumption of Cu by the formation of the 
precipitates may have a similar effect. 

4 . 4 .  E f f e c t  o f  p o s t - b o n d i n g  a n n e a l i n g  

One of the objectives of designing PTLP  bonding 
interlayers is to facilitate the production of joints that 
can sustain use at elevated temperature. In the present 
study, an unabsorbed copper-rich phase is retained 
within isolated regions along some portions of the 
AlzO3/interlayer interface, and the high-temperature 
capabilities of a more completely homogenized (or 
fully reacted) interlayer were potentially comprom- 
ised. However, to allow a comparison with the behavi- 
our of Cu/P t /Cu  interlayer bonded A1203, the effect 
of a 10-h anneal at 1000 ~ (0.937 Tm of Cu) in high- 
purity, low oxygen content argon on subsequent room 
temperature strength was assessed. 

In Cu/P t /Cu  interlayer bonded A1203, microstruc- 
tural evaluation of fracture surfaces suggested that 
exposure to a low oxygen partial pressure atmosphere 
caused solid-state interfacial dewetting of metal at the 
interlayer/ceramic interface. Annealing of these assem- 
blies in gettered argon caused a severe loss of strength 
[1] (Fig. 2). In view of the potential for limited diffu- 
sion of Cu into Nb and incomplete reaction, the 
reportedly rapid diffusion of oxygen in copper at 
1000~ [36] and in Nb, and the indication of a 
pronounced effect of oxygen content on the strength of 
copper/alumina interfaces [39], a similar loss of 
strength was possible in the current study. However, 
for the Cu/Nb/Cu bonded alumina, only a slight loss 
of strength compared to the as-bonded material (with 
similar polishing history) was evident (Table I and 
Fig. 2). In addition, comparisons of the fracture sur- 
faces showed a substantial degree of ceramic pullout in 
annealed samples (Fig. 7a) at a higher level than in the 
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Figure 7 Metal side of fracture surface of a sample given a post- 
bonding anneal treatment at (a) low and (b) higher magnification. A 
substantial degree of ceramic pullout is evident in (a). Si detected at 
the edges of regions such as those shown in (b) suggest that the 
glassy phase within the alumina may play. a role in modifying the 
adhesion between the ceramic and metal. 

high strength, as-bonded samples (Fig. 3a). EDS ana- 
lysis of the metal fracture surfaces of Ar-anneale~d 
samples revealed regions of significantly increased Si 
concentration located mainly around the perimeter of 
pull-out zones. The results suggest that the alumina 
glassy phase is drawn to the interface during the post- 
bonding anneal and may play a role in determining 
subsequent fracture behaviour (Fig. 7b). 

Several factors are believed to contribute to the 
difference in the response of Cu/Pt /Cu and Cu/ 
Nb/Cu interlayer bonded assemblies to exposure to 
low oxygen partial pressure environments. In the case 
of Cu/Pt /Cu,  no precipitate phase is formed during 
bonding, and the metal foil in contact with the 
alumina is a Pt-rich Cu-P t  solid solution. In the case 
of Cu /Nb/Cu  interlayer bonded alumina, copper is 
found in the interfacial region i'n the form of isolated 
patches of a copper-rich alloy, and in the form of 
copper-containing precipitates. 

In the regions near the block perimeter, where 
undissolved and unreacted copper is present, behavi- 
our paralleling that in Cu/P t /Cu  specimens might 
occur. However, Nb has been cited along with Ti, V, 
Cr, Zr, Mo, Hf, Ta, and W as an 'active' metal. The 
wetting experiments indicate that Nb dissolved in Cu 



promotes wetting of the alumina during initial bond 
formation at 1150~ Poor interfacial contact was 
evident in the lower strength Cu/Pt /Cu assemblies. 
The finding that Nb improves the wetting behaviour 
of copper may explain the absence of large unbonded 
regions on fracture surfaces, and thereby contribute to 
the higher average strength and narrower strength 
distribution relative to the Cu/Pt /Cu interlayer bon- 
ded assemblies. We speculate that dissolved Nb also 
counters the effects of a loss of oxygen on the wetting 
behaviour during post-bonding annealing. 

5. Discussion 
The results show that strengths in the PTLP 
bonded assemblies approach those of similar size 
AIzO3/Nb/AI203 samples prepared by diffusion 
bonding at 1450 ~ (B. J. Dalgleish, unpublished data), 
and nearly reach those of the ceramic. The potential 
for achieving high joint strength at a substantially 
lower processing temperature is indicated. In contrast 
to results obtained using Cu/Pt /Cu interlayers, little 
residual interracial porosity was found. 

Fig. 8 illustrates a possible developmental sequence 
of interfacial microstructures that appears consistent 
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with the observations. The roughness of the Nb foil 
and alumina substrates, exaggerated in scale in Fig. 8, 
coupled with the application of pressure should cause 
short-range redistribution of the liquid, and locally 
bring Nb and A1203 into closer proximity or even 
direct contact. If the liquid wets the Nb/A1203 inter- 
face, a thin intervening Cu-rich liquid layer will pers- 
ist. The capillary forces and applied pressure will drive 
flow of Nb out from the contact points and cause 
deposition of Nb in the liquid-filled cavities along the 
interface. This should also tend to make the foil 
conform to the shape of the alumina, possibly trans- 
ferring the surface microstructure of the alumina to 
the Nb foil. However, transport along the Nb/AI203 
interface may be enhanced even in the absence of a 
fully wetting layer; an equilibrium segregation layer of 
Cu at the Nb/A1/O 3 interface may enhance the 
interfacial transport rate relative to that for pure 
Nb/AI20 3 interfaces, and increase the role of solid- 
state diffusion in bond formation (e.g. as occurs in Ni- 
activated sintering of W [60-1). Both of these transport 
mechanisms will induce centre-to-centre approach, 
and may induce extrusion of the liquid to the peri- 
meter of the bond plane. The EDS results suggest (but 
do not prove) that direct contact and bonding between 
Nb and A1203 is achieved; Auger analysis of fracture 
surfaces or TEM of cross sections would be required 
to preclude the presence of a thin Cu layer between Nb 
and AI203. 

If essentially direct contact between the Nb and 
AlzO 3 is achieved, an additional driving force may 
arise for the transport of Nb along the surface of the 
liquid 'pockets', from regions of negative curvature to 
regions of more intensely negative curvature. This 
driving force will be higher the smaller the contact 
angle that Nb forms on A1203 in the presence of the 
Cu-rich liquid. The liquid pocket will attempt to 
develop an equilibrium shape dictated by the relative 

Figure 8 Schematic illustration of possible developmental sequence 
of interfacial microstructures. Roughness causes short-range re- 
distribution of liquid and direct contact between foil and ceramic. 
Transport of Nb through the liquid lShase, or possibly along the 
AI203/Nb interface, causes growth of the contact area. Reaction 
between Cu, A1203 and additional oxygen causes the formation of 
precipitates. 

interfacial energies at the Nb AlzO3-Cu(Nb ) triple 
junction. This evolution of shape can contribute to an 
increase in contact area, and bond strength, but pro- 
duces no centre-to-centre approach. With the liquid 
layer, no centre-to-centre approach is necessary to 
eliminate the porosity unless the surface is too rough. 
However, if the alumina blocks are crowned, enough 
centre-to-centre approach is required to establish 
some contact points in the edge region, either by 
plastic deformation during assembly or by solution- 
reprecipitation. 

The capillary forces associated with the liquid- 
vapour meniscus will try to pull the Nb and AI203 
into direct contact, driving both short- and long-range 
redistribution of liquid, if, as seems likely, (01 + 02) 
< re, where 01 and 02 are the contact angles for the 

liquid on the ceramic and Nb, respectively. This is the 
condition under which the liquid between two flat 
plates spreads and thins indefinitely, rather than 
reaching an equilibrium thickness of zero capillary 
force. Thus, if this condition is met, capillary forces 
alone would assuredly drive the long-range liquid 
redistribution in response to the substrate crowning. 
The data in Fig. 6 show that 01 < 114 ~ for the Cu(Nb) 
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liquid, requiring only that 0 2 ___~ 56 ~ to satisfy this 
condition. This latter value would certainly obtain in a 
pure Nb/Cu system [61], but in the presence of the 
higher oxygen content here, it may only marginally be 
met. 

Whichever combination of these mechanisms is op- 
erative, they result in the growth of the contact area 
and ultimate localization of the Cu-rich liquid. In the 
present case, there is the aforementioned additional 
complication: localization of the liquid is accompan- 
ied by or followed by the formation of precipitates 
containing Cu, A1, and O. The Nb grain boundaries 
may serve as preferred nucleation sites for two rea- 
sons: (i) grain boundary grooving localizes the liquid, 
and (ii) the presence of the boundary reduces the 
nucleation barrier. 

The formation of precipitates is somewhat unex- 
pected. Their formation is apparently the result of a 
reaction involving Cu, A1203, and additional oxygen. 
Neither Cu nor Nb will reduce alumina to any signific- 
ant extent at the bonding temperature, and thus little 
dissolved oxygen would be generated in this way. It 
appears more likely that the additional oxygen is 
incorporated into the Cu coating during deposition, 
or that the Nb foil contains sufficient dissolved oxygen 
for it to be reactive at the low bonding temperature 
used. (Similar considerations arose in rationalizing the 
formation of nickel aluminate spinel phase during 
PTLP bonding of A120 3 with Cu/Ni/Cu multilayer 
interlayers [2]. As regions of poor wetting were found 
in this system, and the beneficial effects of dissolved 
oxygen on wetting are well known, this suggests that 
the amount of oxygen incorporated in the film must 
be well below the quantity required to form the 
Cu-Cu20 eutectic liquid.) As a result of the incorp- 
oration of additional oxygen, in the outer regions, 
where more Cu is available as a result of fluid flow 
prior to extensive reaction, residual copper is found, 
and more precipitates form. In the interior, where little 
copper remained, sufficient oxygen was supplied to 
completely consume the copper. 

The data unequivocally show that the bars from 
three of the edges of the block are stronger probably as 
a result of several factors. There is some indication 
that some damage was done during the more extensive 
polishing and cleaning of the interior plates. However, 
there is further reason to believe that the edge plates 
were inherently stronger as well owing to composition 
differences. This is suggested by the greater amount of 
ceramic pull-out evident over most of the fracture 
surface for the bars from around the edges than those 
from the middle. Such an observation could be con- 
sistent with the presence of more copper in the bonds 
from edge-bars owing to the copper redistribution 
caused by crowning (and supposing that the blocks 
tilted just enough that the region of close approach 
occurred nearer one edge). The fact that even the edge 
beams from the more heavily polished interior plates 
are weaker than all the beams from the less extensively 
polished edge plates seems to affirm that the addi- 
tional polishing did have some adverse effect. 

The extra copper could, in principle, lead to in- 
creased fracture resistance owing to the reaction phase 
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which forms, and may be strong enough to bridge the 
crack. Alternatively, the several micrometres of free 
copper could impart some increased local ductility 
which effectively increases the toughness (assuming 
the Cu has a lower yield stress than the Nb in the 
presence of the O impurity). Finally, there may be 
better bonding at the Nb/AI203 interfaces owing to 
atomic levels of Cu and O impurities segregated there. 
Prior studies of failure in pure Nb/A1203 assemblies 
indicate that fracture is purely interfacial [9-12; B. J. 
Dalgleish, unpublished data]. (In recent work of 
D. Korn and G. Elssner (unpublished data), mixed 
interface and ceramic fracture has been observed in 
single crystal Nb/sapphire bonds for the orientations 
giving the highest fracture energies.) Prior studies of 
failure in pure Cu/AI203 assemblies indicate a tend- 
ency for ceramic failure and ceramic pullout in well- 
bonded assemblies [e.g. 35, 59]. These observations 
would be consistent with the suggestion that the 
Cu/alumina bond is tougher than the Nb/alumina 
bond, owing either to better atomic bonding or to 
greater plasticity owing to a lower yield stress in the 
Cu/AI203 bonds. These several possible reasons are 
presently unresolvable, but merit further study in 
order to reveal methods to attain stronger bonds 
within this system. 

Although the underlying mechanism for the de- 
crease in contact angle is not known at present, the 
fact remains that Nb does decrease the contact angle 
relative to that for pure copper, and improves wetting. 
Even if only the short-time contact angle of 114 ~ 
(rather than the lower values that arise with increasing 
time) is pertinent to bonding, elimination of interfacial 
porosity should occur more rapidly than with higher 
contact angle pure Cu. We anticipate that the decrease 
in contact angle will also manifest itself in a greater 
resistance to solid-state dewetting. Collectively, these 
factors would improve the strength distribution in as- 
processed samples, and would be expected to reduce 
the effects of exposure to a reducing environment at 
elevated temperature. (It is recognized that although 
Nb may enhance the interfacial bonding of Cu to 
A1203, it is to be expected, (e.g. from work with 
Ag/Nb [63]) that Cu may reduce the strength relative 
to that for pure Nb/AIzO3, an effect needing further 
study.) 

An additional, potentially important difference be- 
tween the Cu/Pt and Cu/Nb experiments is the con- 
centration and thermodynamic activity of Cu at the 
interface during bonding. The relatively high concen- 
tration and activity of Cu in the Cu/Nb case make 
reaction between Cu and A1203 more likely than in 
the Cu/Pt case, and the low rate of incorporation of 
Cu into Nb maintains Cu at a high activity. Thus if 
conditions for reaction between Cu and A1203 are 
favourable, one can anticipate that reaction will pro- 
ceed until all the Cu has been depleted, and the small 
amount of Nb present in the liquid has precipitated 
onto either the Nb foil or the ceramic. This scenario 
may rationalize the absence of any detectable copper 
on either the metal or ceramic side of corresponding 
fracture surfaces where the precipitate phase is well 
developed. 



The tendency for a greater degree of ceramic failure 
and a slight loss of strength after argon annealing is 
interesting. It suggests a degradation of the alumina as 
a result of the annealing. In principle, an interaction 
between constituents of the glassy phase and either Cu 
or Nb that results in microstructural degradation of 
the intergranular glassy film, and thereby intergranu- 
lar adhesion in the alumina, could account for the 
change in fracture characteristics. This would be con- 
sistent with the observation of an enhanced Si concen- 
tration around the perimeter of pull-out zones. It is 
possible that such changes would have been evident in 
Cu/Pt had other factors such as interracial dewetting 
not had an even more potent influence. Further invest- 
igation of this behaviour is planned. 

6. Conclusions 
The results indicate that, as in the case of Pt/A1203 
bonding, high-strength joints between Nb and A1203 
can be produced at significantly lower temperatures 
than those previously used for diffusion bonding by 
introducing a thin intervening layer of Cu. Compared 
to Cu/Pt/Cu interlayer bonded A1203, fracture 
strengths were generally higher and less scattered. 
Sessile drop experiments comparing the wetting beha- 
viour of Cu and Nb-saturated Cu on alumina indicate 
that Nb acts to decrease the Cu contact angle, and 
this is thought to promote a more favourable 
strength distribution than obtained with Cu/Pt-based 
interlayers. More generally, the results suggest that 
precoating substrates with a thin layer of a reactive 
metal may improve the degree of contact between the 
transient liquid and the substrate, and thereby in- 
crease the average strength, narrow the strength dis- 
tribution, or both. 

Fractographic studies and microchemical analysis 
suggest that several factors affect the strength and 
fracture characteristics of as-bonded assemblies. Evid- 
ence suggests that long-range redistribution of copper 
occurred during bonding, most likely as a result of 
polishing-induced crowning of the Al203 blocks, and 
the high bonding pressure used. In (edge) beams where 
residual unreacted and unabsorbed Cu is more com- 
mon, the degree of ceramic pullout is increased. How- 
ever, the degree of pullout in stronger as-bonded 
samples and the extent of interfacial coverage by Cu 
appears to be too low for either to account for the high 
strength. As Cu was not always found along the tensile 
edges of strong beams, the presence of residual copper 
does not appear to be a necessary condition for the 
formation of strong bonds. There is a stronger positive 
correlation between the fracture strength and the de- 
gree of precipitate development at the interface. 
Higher strengths, and a greater tendency towards 
ceramic pullout were observed in samples where the 
precipitate was more extensive. Spatial variability in 
the extent of precipitate development correlates with 
spatial variations in the local copper film thickness 
caused by redistribution. The second phase appears to 
bond strongly to both the A1203 and Nb, and bridges 
the ceramic/metal interface; fracture progresses 
through the second phase. However, the results of 

semiquantitative analyses, and the observed replica- 
tion of the alumina grain structure on the Nb foil 
suggest that direct bonding between Nb and A]203 
provides a significant fraction of the measured joint 
strength. 

There is also an indication that excessive polishing 
(and/or associated cleaning techniques) of the bonded 
samples degrades strength. However, further study of 
this phenomenon will be required in samples where 
copper redistribution effects are less important. EDS 
analysis shows that the precipitate phase contains 
copper, aluminium, and oxygen. Precipitate formation 
involves a reaction between Cu, A1203, and additional 
oxygen. The precipitate appears in two distinct forms, 
continuous and discrete, with the continuous form 
appearing to form preferentially along Nb grain 
boundaries. This suggests that a refinement of the Nb 
grain size could promote the formation of a more 
uniform distribution of the bridging interfacial reac- 
tion product. Furthermore, the results indicate the 
potential for designing joining processes in which the 
transient liquid former is removed by a reaction that 
yields a more refractory product. 

In contrast to behaviour observed in Cu/Pt/Cu 
bonded assemblies, post-bonding anneals at 1000 ~ 
in gettered argon caused only a minor decrease in 
flexure strength, and an increased tendency for cer- 
amic pullout and failure. This difference in response is 
most likely due to the differences in the chemical form 
and distribution of Cu in the two cases. In as-bonded 
Cu/Pt/Cu, the Cu is present in solid solution and at its 
highest concentration uniformly along the interface. 
Decreases in the oxygen content have the potential to 
affect the entire bonded interface. In as-bonded Cu/ 
Nb/Cu assemblies, Cu is present primarily in the form 
of precipitates in interior beams, and in edge beams 
these are supplemented by patches of unreacted cop- 
per. Reduction of the precipitates would introduce 
only small interfacial flaws. In those regions where 
unreacted copper is present, Nb (present at low con- 
centrations but high chemical activity) may play a role 
in countering the deleterious effects of oxygen deple- 
tion on the wetting and adhesion characteristics of a 
copper-rich film on A1203. 
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